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Formation in Amorphous Zirconia and Alumina
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Metal passivation refers to the formation of protective oxide films on metals, which shield them from further corrosion and
oxidation, playing a crucial role in maintaining their stability. The mesoscopic Point Defect Model has successfully predicted
passivity as a steady state process where oxide growth from oxygen vacancies at the metal/film interface competes with oxide
dissolution at the film/environment interface. In this work, informed by the Point Defect Model parameters, we use first-principles
calculations to calculate defect formation and atomic diffusion in amorphous materials and correlate these descriptors with the
behavior and growth of the oxide film. Focusing on amorphous zirconia and alumina, we demonstrate that defect formation
energies exhibit significant variability in amorphous systems. In alumina, vacancies dominate, with cation and anion vacancies
occurring at comparable concentrations. Diffusion calculations for stoichiometric amorphous alumina and zirconia, as well as
oxygen-deficient zirconia, reveal faster diffusion in the oxygen-deficient case, highlighting the impact of defects on transport.
Comparison of calculated self-diffusion coefficients for the dominant defect species with experimentally measured oxide
thicknesses shows a clear correlation, suggesting that first-principles-derived diffusivity information can serve as a key descriptor
for surface passivation film growth.
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Metal passivation relies on the formation of a metal surface oxide
film that protects the underlying metal from further degradation,
effectively preventing harmful phenomena such as corrosion and
oxidation. From a thermodynamic perspective, Pourbaix diagrams
can be used to identify the specific potential-pH conditions that favor
surface oxide formation.! Importantly, using first-principles calcula-
tions to augment experimental data, Pourbaix diagrams have been
shown to provide thermodynamic stability information about me-
tastable and amorphous phases.”® When a surface oxide forms, the
Pilling-Bedworth ratio predicts whether the oxide mechanically
adheres to the metal without fracturing due to tensile or compressive
stresses. Both Pourbaix diagrams and the Pilling-Bedworth ratio
provide valuable information about a material’s corrosion resistance
and, importantly, can be calculated from first principles data which
increases their applicability.>*>~ However, there are aspects of
passivation that are inherently related to factors such as electric field,
defect formation, and ionic diffusion, as discussed in recent
perspectives,® and shown in the Point Defect Model (PDM) that
has been successfully applied to numerous systems.”™"

The PDM theorizes passivation to be a kinetic phenomenon that
depends on defect generation and annihilation reactions at the oxide/
metal interface and oxide/environment interface and a dissolution
reaction at the oxide/environment interface.”™"" Notably, the growth
of the oxide film is driven by the oxygen vacancy generation
reaction occurring at the oxide/metal interface. The passive film
reaches a steady state thickness when the rate of film growth due to
oxygen vacancies is equal to the rate of film destruction due to
dissolution, thus the steady state thickness and current density can be
determined from PDM parameters.”™"! Fully independent validation
of the model is difficult because the model parameters are
determined through fitting to experimental data, principally electro-
chemical impedance spectroscopy data. Recent work has also sought
to use Mott-Schottky analysis and contact angle titration informed
with first E)rinciples calculations to identify specific model
parameters.'? Furthermore, the PDM has been used to calculate

“E-mail: kapersson@Ibl.gov

the oxygen diffusivity, which can be compared to the diffusivity
calculated from first principles.'® Conversely, various authors have
attempted to determine PDM parameters from first-principles
calculations rather than fitting to experimental data. Hendy et al.
studied cation transport through bulk crystalline iron oxide in the
spinel phase. They compared their diffusion coefficients to an
assumed diffusion coefficient used to fit Point Defect Model
parameters and found the values agreed to within one order of
magnitude."* Leung performed explicit interface calculations of
crystalline phases of aluminum oxide on aluminum. These calcula-
tions provide new insights by accounting for interfacial effects and
identifying the conditions that promote the formation of doubly
charged oxygen vacancies, which are essential for oxide film growth
according to the Point Defect Model.'>'¢

In this paper, we evaluate how first-principles defect formation
energies and ionic diffusion coefficients for amorphous, stoichio-
metric and non-stoichiometric oxides relate to metal passivation
within the context of the PDM. Defect formation energies are used to
determine dominant point defects and their concentrations, and self-
diffusion coefficients for dominant defect species are an essential
descriptor of ionic transport. For our calculations, we focus primarily
on amorphous oxides because several metals, such as aluminum and
stainless steel are known to grow amorphous oxide films rather than
crystalline films,' " yet most prior first-principles studies focus on
crystalline oxides.

Zirconia and alumina are studied as model systems because both
metals form passivating surface oxide films that have been well
characterized experimentally and computationally, which provides a
good foundation on which to analyze our results. The zirconium
surface films consist of a poly-crystalline inner layer of tetragonal
zirconia and an outer layer of monoclinic zirconia.>'*** Previous
experimental studies indicate that amorphous grain boundaries
several nanometers thick can form in zirconia films* and that
diffusion rates are higher in zirconia grain boundaries compared to
the grains themselves.”* Likewise, aluminum oxide films remain
amorphous at low temperatures but crystallize as temperature
rises.!”"'® Previous computational studies indicate that forming an
amorphous aluminum oxide film is thermodynamically favorable.?
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Here, we first present and discuss the details of the computational
modeling, and compare to previous work. Specifically, given the
variety of local environments in amorphous oxides, defect calcula-
tions are performed for several distinct sites to ensure good sampling
of the possible configurations. Next, we present ionic diffusion
coefficients from Ab Initio Molecular Dynamics (AIMD) for
amorphous alumina and zirconia, including diffusion for an oxygen
deficient, non-stoichiometric zirconia. The mechanism of diffusion
is analyzed to determine how the local environment influences ionic
mobility and lastly, the ionic diffusivity is compared to experimen-
tally measured oxide thicknesses.*!

Methods

Simulation details.—First-principles data was obtained using the
Vienna Ab Initio Simulation Package (VASP)*>?? within the
Perdew-Burke-Ernzerhoff generalized gradient approximation®*
and the Perdew-Burke-Ernzerhof generalized gradient approxima-
tion for solids (PBEsol)** implementations of density functional
theory.*® For AIMD, PBE was used with a plane-wave cutoff energy
of 520 eV only sampled at the gamma point. PBEsol was used for
structural relaxations prior to defect calculations and density of
states calculations with a plane-wave cutoff energy of 680 eV and
for defect calculations with a plane-wave cutoff energy of 500 eV.
Systematic and robust calculations were facilitated using workflows
based on Materials Project software infrastructure, includiné;
pymatgen37, custodian37, Fireworks38, atomate”, and atomate2*’.

Amorphous structure generation.—A simulated melt procedure
using the mpmorph workflow in atomate was used to generate
sample amorphous structures.”>>*' The AIMD calculations were
run in an NVT ensemble using a 2 femtosecond timestep and the
Nose Hoover thermostat. Initial configurations were created with
Packmol to ensure a disordered, liquid-like starting state.** The
structure’s volume was equilibrated by performing AIMD simula-
tions at varying volumes and fitting the results to an equation of state
to estimate the ideal volume. This was followed by 2000-step AIMD
simulations, with the volume adjusted between runs until the energy
stabilized and the external pressure stabilized below 5 kilobar.*
After convergence, a 5000-step AIMD production run at 3000 K was
conducted, and amorphous structures from this trajectory were
sampled for diffusion and defect calculations. The AIMD parameters
such as number of steps and criteria for energy and pressure
stabilization were chosen based on Cheng et al.** Radial distribution
functions of the structures are included in the Supplemental
Information (SI) and indicate that our structures have similar bond
lengths and coordination environments to prior work.>>#4—¢

Defect calculations.—To obtain low-temperature amorphous
structures, two relaxations were performed prior to the defect
calculations.*® Defect calculations were carried out using the defect
workflow in atomate2,*>*’ with initialization and analysis facilitated
by the pymatgen-analysis-defects package.*® Defect formation en-
ergies were determined from™*”:

E[defect] = Ey[defect] — Ei[bulk] = Y nip; + qEr + Econ

where E,,[defect] represents the energy of the defective supercell,
E,[bulk] is the energy of the bulk supercell, y; the chemical
potential of adding or removing atoms, Er the chemical potential of
adding or removing electrons, and E.., is a correction term to
account for periodic boundary conditions. The Freysoldt correction
is applied in this work™ using dielectric constants for amorphous
alumina and zirconia from Momida et al. and Zhao et al. >'*?
Bounds on the chemical potentials are set through the grand-
canonical ensemble approach, as first defined by Zhang and
Northrup,® from zero-temperature energies of the bulk crystalline
phases here referenced to elemental aluminum, zirconium, and
oxygen. Within this framework, oxygen-rich chemical potential

conditions are represented by Ao = 0 and metal-rich conditions by
Apipyy=0. The Fermi energy was solved for using the py-sc-fermi
package,”*> ensuring that the constraint for charge neutrality was
satisfied.>® The density of states was calculated and used to self-
consistently solve for the Fermi energy and is included in the SI.

Compared to crystalline structures, amorphous structures exhibit
a wide range of atomic environments that have been observed to
affect the defect formation energy.”’ ™’ Therefore, several defect
calculations are performed for different sites where sites were
selected using different sample amorphous structure configurations
(obtained at different times during the trajectory) as well as from
varying local environments within the same sample structure. The
interstitial positions were identified using an interstitial site finder,
which locates the positions based on charge density analysis,
benchmarked for crystalline systems.*° Prior computational stu-
dies indicate that point defect descriptions are valid for oxygen
deficient amorphous alumina structures, showing that neutral oxygen
vacancies exhibit defect states in the bandgap after AIMD and have
associated structural configurations characterized by the formation
of Al-Al bonds.”’
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Figure 1. Defect formation energies vs Fermi level for two different
amorphous zirconia structures referenced to oxygen rich and zirconium
rich chemical potential reservoirs. Sites were randomly selected to ensure
different sample coordination environments. The defect formation energies
of various individual sites illustrate the distribution of formation energies and
the variability in formation energy within the same amorphous structure.
Formation energies for crystalline zirconia are the same across both plots.
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Diffusion calculations.—To determine the diffusivity, AIMD
calculations - using the same 2 fs timestep and thermostat - were
performed for 30,000 time steps for alumina structures and 40,000
time steps for zirconia structures at temperatures ranging from 1900
K to 2800 K. The mean squared displacement (MSD) was calculated
using the Einstein relation at each temperature for 3 different
samples. To ensure that diffusivity was calculated correctly, the
initial ballistic region of the MSD curve as well as the final poorly
statistical sampled region of the MSD curve were excluded from
fitting. An Arrhenius relation was used to extrapolate the diffusivity
to lower temperatures. For non-stoichiometric, oxygen-deficient
zirconium oxide, the electron count was adjusted. To investigate
the diffusion mechanism in amorphous oxides, we employed the
Density-Based Spatial Clustering of Applications with Noise
(DBSCAN) algorithm®>®® which enabled us to identify atomic
clusters at each step of the trajectory.*** % An atom was
considered to vibrate, or stay immobile, when it remained in the
same cluster, while an atom was considered to translate, or hop to a
new location, if the atom moved to a different cluster between
timesteps. The atom coordination numbers were used to approximate
changes to the local environment and were calculated using the
CrystaINN algorithm.®’

Results and Discussion

In the following sections we report defect energies and associated
diffusion constants for amorphous alumina and zirconia and discuss
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how the results compare to prior available data on the stoichiometry
and surface oxide growth, as relevant for metal passivation.

Defect formation in amorphous oxides.—For zirconium oxide,
only oxygen vacancy formation energies were calculated, as surface
zirconium oxide films are known to grow primarily through oxygen
diffusion.®® Prior work suggests that zirconia films may feature an
off-stoichiometric, oxygen-deficient inner layer,>>**~"! with oxygen
vacancies playing a crucial role in the growth of zirconium oxide
layers, as proposed by the Point Defect Model.”* Defect calculations
were performed on amorphous as well as crystalline monoclinic and
tetragonal zirconia, as these phases are known to feature in the
passive layer on zirconium.?'*?

Figure 1 shows the oxygen vacancy formation energies for two
randomly selected amorphous zirconia structures with the crystalline
defect formation energies included for comparison. The average
defect formation energy of the amorphous structures is also included
to illustrate the general trends. While the two amorphous structures
exhibit similar ranges of defect formation energies, the primary
difference is the narrow possibility of a +3 charge state in one
structure under p-type conditions. Notably, we do not expect this
extreme charge state to form because prior experimental work based
on Mott-Schottky analysis found that the zirconium surface oxide
layer typically exhibits n-type behavior.”

Figure 1 shows that amorphous and crystalline zirconia exhibit
similar trends, with oxygen vacancies favoring a +2 charge state at
lower Fermi energies and transitioning to a O charge state at higher
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Figure 2. Defect formation energies vs Fermi level for vacancy (a) and (c) and interstitial (b) and (d) defects in one amorphous alumina structure referenced to
aluminum rich chemical potential conditions (a) and (b) and oxygen rich chemical potential conditions (c) and (d). Sites were randomly selected to ensure
different sample coordination environments. The defect formation energies of various individual sites illustrate the distribution of formation energies and the

variability in formation energy within the same amorphous structure.
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Figure 3. Fermi level vs oxygen chemical potential solved self-consistently
at 300 K based on the constraint for charge neutrality (a), defect formation
energy and concentration (b) vs oxygen chemical potential for all defects in
amorphous alumina.

Fermi energies. On average, the defect formation energies in
amorphous zirconia were comparable to those in tetragonal zirconia.
However, amorphous zirconia included several sites with notably
lower formation energies than those observed in either crystalline
phase. These lower formation energies suggest that amorphous
zirconia more readily accommodates oxygen vacancies, implying
that amorphous regions in the passive layer are likely to be more
oxygen-deficient than crystalline regions.

Several calculations of defect formation energies in crystalline
zirconia have been performed previously for the tetragonal’* and
monoclinic’>”” polymorphs. Our results for tetragonal zirconia are
in good agreement with the work of Youssef et al. although, we find
a very narrow stability window (2.9 eV < Er < 3.1 eV) for the +1
oxygen vacancy in disagreement with Youssef et al.”* For mono-
clinic zirconia, our reported defect formation energies are compar-
able to previous authors, although different authors employ slightly
different chemical potential conditions which leads to differences in
the absolute energy values.”>~"” Zheng et al. and Shi et al. report
negative-U behavior in monoclinic zirconia, where the +1 oxygen
vacancy is never stable.”>”’” However, notably, the results of Van de
Walle et al. align with our calculations, which show that the +1
oxygen vacancy remains stable within a narrow range of Fermi
levels. We suggest that these differences in the stability of the +1
charge state result from the correction terms used to account for the
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Figure 4. Defect formation energy vs chemical potential (300 K) for
selected oxygen and aluminum vacancies in amorphous aluminum oxide
calculated using two different functionals, PBEsol and HSE.

effects of periodic boundary conditions. This work and Van de
Walle et al. use the Freysoldt correction in contrast to the other
studies which use the Makov-Payne correction or no correction.’®
As both aluminum and oxygen ions can contribute to the growth
of the oxide layer,® the formation energies of the aluminum and
oxygen vacancies, as well as aluminum and oxygen interstitials,
were calculated in amorphous alumina. The defect formation
energies for oxygen and metal rich chemical potentials are shown in
Fig. 2, where we highlight the average defect formation energies in
bold. The charge states for the oxygen vacancies are +2 or 0, with
+2 being the most prevalent charge state, whereas the aluminum
vacancies exhibit charge states from 0 to —3, with —3 being the most
prevalent charge state. Both cation and anion vacancies generally
exhibit lower formation energies than interstitials across most of the
Fermi level range under both oxygen-rich and aluminum-rich
conditions, indicating that vacancies are more likely to form in
amorphous aluminum oxide. However, the interstitial formation
energies are low enough to suggest that interstitials may also form.
We compare our results with the previously reported average
defect formation energies in amorphous aluminum oxide by Dicks et
al.’” The two studies differ insomuch that Dicks et al. employs the
PBEO-TC-LRC functional and Lany and Zunger supercell correc-
tion, while the PBEsol functional and Freysoldt correction are
employed in this work. While differences in electronic structure
treatment and correction schemes lead to variations in absolute
defect formation energies between our study and that of Dicks et al.,
key qualitative trends remain consistent. Both studies identify the
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Table 1. Ionic room temperature (293 K) self-diffusion constant in ZrQ,, ZrO, ¢, and Al,O3.

ZI'OZ

ZrO 1.92 A1203

526 x 107" cm 257!
134 x 1072 cm™ 257!

Oxygen Ion Diffusion
Metal Ion Diffusion

oxygen vacancy in a +2 charge state that becomes neutral near mid-
gap, and the aluminum vacancy as predominantly —3, transitioning
to —2, with a neutral state near the valence band for shallow defects.
Our results also reveal a limited stability window for the —1 charge
state of the aluminum vacancy, which was not reported by Dicks
et al. For oxygen interstitials, both studies observe 0 and —2 charge
states; however, we additionally find stability for the —1 state,
whereas Dicks et al. report a +1 state. The aluminum interstitial
exhibits +3, 42, and +1 charge states in both works, though we also
observe a —1 state near the conduction band, while Dicks et al.
report it as neutral. These minor discrepancies do not affect the
overall qualitative conclusions regarding the most prevalent charge
states and defects, while highlighting the variability of defect
energetics in amorphous systems.

To determine the most prevalent defects in amorphous aluminum
oxide, the Fermi level was solved for self-consistently over a range
of chemical potential conditions at 300 K. Defect formation energies
and defect concentrations vs chemical potential are shown in Fig. 3,
which indicate that the lowest energy/highest concentration defects
are aluminum and oxygen vacancies, and that oxygen interstitials
may reach high concentrations only for very oxygen-rich conditions.

Given the known differences between GGA and hybrid func-
tionals, we calculated a small set of oxygen and aluminum vacancies
using the HSEO06 functional to compare against the PBEsol results.
The defect formation energies vs Fermi level are shown in the ST and
defect formation energies vs chemical potential are shown in Fig. 4.
Not surprisingly, the bandgap predicted by PBEsol is approximately
2 eV lower than that predicted by HSE06. The HSEO6-calculated
bandgap aligns more closely with the experimentally reported range
of 5.6 to 6.8 eV.”® Regarding defect formation energies, both HSE06
and PBEsol predict that the lowest-energy oxygen and aluminum
vacancies exhibit nearly identical formation energies, suggesting that
these vacancies will occur in comparable concentrations. Thus,
qualitatively, the two functionals yield similar results. However, it
should be mentioned that HSEQ6 predicts that the defect formation
energies for the lowest-energy defects are approximately 0.5 eV
lower than those obtained using PBEsol and that the lowest-energy
HSEO06 defects exhibit negative formation energies, which indicate
spontaneous oxygen loss under these conditions. We attribute these
anomalously low values to some of the intentionally sampled highly
undercoordinated sites. For example, the oxygen vacancy at site 66
exhibits a coordination number of 2 whereas most oxygen atoms in
the amorphous aluminum oxide exhibit coordination numbers of 3 or
4. For such undercoordinated sites, in general, we find that the
HSEO6 and PBEsol functionals predict significantly different for-
mation energies e.g. >1 eV difference. This difference could be
attributed to PBEsol’s treatment of the gradient expansion for
exchange energy, which was included in PBEsol’s design to improve
predictions of surface energy and other bulk properties in compar-
ison to other GGA functionals. Given the design of PBEsol to
predict more accurate energies for surfaces, which contain heavily
undercoordinated atoms, PBEsol may be better designed to predict
energies for heavily undercoordinated sites within the bulk structure
as well.¥ Nevertheless, the average defect formation energies
remain positive across most of the chemical potential range,
consistent with physical expectations.

Ionic transport.—Diffusion calculations were performed only
for the amorphous oxides. Many oxide passivation films form non-
crystalline structures or exhibit highly disordered regions between
the polycrystalline grains.79’80 Tromans revealed through
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thermodynamic analysis of estimated energy differences between
crystalline and amorphous oxides that grain boundaries in oxides
may be treated as amorphous.®' In the case of zirconia, specifically,
prior computational work by Owens et al. has suggested modelling
grain boundaries in zirconia surface oxides as amorphous zirconia.*

Ionic diffusivity was calculated for stoichiometric compositions
of alumina and zirconia as well as for a non-stoichiometric zirconia
with a 1:1.92 ratio of zirconium to oxygen. An oxygen-deficient,
non-stoichiometric zirconia was included to investigate how off-
stoichiometry influences diffusion, motivated by prior studies that
have reported non-stoichiometry in zirconium oxide layers.>

The mean squared displacement vs time with the Arrhenius-fit for
diffusion coefficients (see Table I) are shown in the SI and Fig. 5.
The oxygen diffusion coefficient in stoichiometric zirconia is within
1 or 2 orders of magnitude of the diffusion coefficient reported for
oxygen vacancy diffusivity in the passive layer on zirconium, as
determined with Point Defect Model parameters.”> Comparing
stoichiometric alumina and zirconia, we find that alumina exhibits
similar diffusion for the aluminum and oxygen ions, whereas the
stoichiometric zirconia exhibits significantly faster diffusion of
oxygen ions as compared to zirconium ions. Previous work has
shown that ionic diffusion in amorphous oxides occurs via bond-
breaking/bond-formation events. Hence, it is reasonable to correlate
the coordination number of the ions to their mobility.*® Indeed,
zirconium ions exhibit a higher oxygen coordination number in
comparison to aluminum ions, which rationalizes the lower mobility
of zirconium ions in relation to oxygen ions.

The diffusion of both oxygen and zirconium ions is found to be
faster in non-stoichiometric zirconium oxide. We hypothesize that
non-stoichiometric zirconium oxide exhibits faster oxygen diffusion
due to the introduction of additional under-coordinated sites that are
available to traverse the structure. Furthermore, we observed faster
zirconium diffusion in oxygen-deficient zirconia and suggest a cross-
correlation between oxygen and zirconium atom dynamics. As
oxygen ions diffuse, they leave zirconium atoms in undercoordi-
nated environments, which will enhance zirconium mobility.

To better understand the mechanism of diffusion in these
amorphous structures, we analyzed a random sample of five oxygen
ions in stoichiometric zirconia trajectories run at temperatures
ranging from 2000 to 2800 K. Neighboring analysis was performed
using a DBSCAN clustering algorithm®*®* and CrystalNN.%” The
results are presented in Fig. 6, which includes an image illustrating
the trajectory of a single oxygen atom and histograms depicting the
distribution of nearest neighbors during atomic translations and

@ 2:0,0% A 2r0,,,0% Al,0, 0%
® 7210, Zr* ¥ 210, g, Zr" ALO, Al
L P
2y 5?”"""‘1---_-_;‘ ____ e "
e ---e==*-— e,
£ 9 i e
Egol™=n S SN
o --.__*__‘ -~z
o _5 50 T
s) o Ty
° =
—6.0r SR

0.350 0.375 0.400 0.425 0.450 0.475 0.500 0.525 0.550
1000/T (K)

Figure 5. Arrhenius fit for diffusivity vs temperature for ZrO,, ZrO, g, and
Al,O3.
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Figure 6. Schematic of trajectory for oxygen atom in ZrO, from a trajectory
run at 2400 K (a), histogram showing probability for atom coordination
number during translation (b), and histogram showing probability for atom
coordination number during vibration (c).

vibrations. The histograms exhibit a slight skew, suggesting that
atoms are more likely to adopt a lower coordination number when
transitioning between local environments than when vibrating within
the same environment.

To connect diffusion to the growth of the surface oxide, we
surveyed existing literature for measurements of surface oxide
thicknesses formed on aluminum and zirconium in oxygen environ-
ments. To allow comparability for thickness measured in different
papers, we focused on measurements that were taken under low
oxygen partial pressures in the initial stages of oxidation.”" The
experimentally determined oxide thicknesses vs AIMD calculated
diffusion values are presented in Fig. 7 and a table is included in the
SI listing the references and oxygen partial pressures for each
measured thickness. In some studies, a range of oxide thicknesses
and/or temperatures is reported, and these ranges are included in the
figure. In zirconia, oxygen vacancy defects and diffusion were
identified as the dominant factors governing defect Kkinetics.
Therefore, examining the correlation between the measured zirconia
surface film thickness and the calculated oxygen diffusivity is most
appropriate. Indeed, Davies et al. found that surface zirconium oxide
growth is driven primarily by anion diffusion®® using spectroscopy
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Figure 7. Plot of experimentally measured oxide thicknesses gathered from
literature review vs oxygen diffusion coefficient calculated from ab
initio molecular dynamics. Oxide thickness values were taken from
References.?*°

and radiotracer techniques. While aluminum oxide may grow by
either oxygen or aluminum ion diffusion,® our calculations showed
that oxygen and aluminum ions exhibit similar vacancy concentra-
tions and diffusivity values. Thus, both oxygen and aluminum ion
diffusion are included in Fig. 7.

The correlation between surface oxide thickness and the ionic
diffusivity in the amorphous phase suggests that slower diffusion
leads to thinner oxides while faster diffusion promotes thicker film
growth. This aligns with the concept that diffusion is a key enabler
for oxide film formation, such that a reduction in diffusion would
naturally slow its growth rate. To fully capture growth dynamics of
the film, it is recommended that future work investigate other factors
such as ionic diffusion within crystalline grains of oxide, electric
field effects, and defect concentrations at the interfaces. While this
work focuses on diffusion in amorphous regions of the film,
crystalline diffusion may become rate-limiting for thick oxide
surface layers. For example, in the case of high temperature
oxidation, considering the diffusion within crystalline grains may
be relevant because films such as alumina are known to crystallize at
higher temperatures.'”'® Additionally, electric fields as a function of
film thickness will affect the flux of charged species. Lastly, defect
concentrations are likely to vary across the film and at interfaces,
which are not considered here.

Conclusions

Defect formation energies and ionic diffusion coefficients for
relevant defects have been calculated for amorphous zirconium and
aluminum oxide to better understand how first-principles derived
properties can inform growth of metal surface oxide films. Oxygen
vacancy formation energies were calculated for both crystalline and
amorphous zirconia and reveal that the amorphous zirconia has a
wider range of defect formation energies and lower defect formation
energies than crystalline zirconia. The results highlight the impor-
tance of studying multiple sites for defect calculations in amorphous
phases and suggest that amorphous zirconia may more readily
accommodate oxygen vacancies in comparison to crystalline zir-
conia. For amorphous aluminum oxide, defect formation energies
were calculated for several possible defects, including oxygen
vacancies, aluminum vacancies, oxygen interstitials, and aluminum
interstitials. The calculations indicate that vacancies are often the
lowest energy defects, and that oxygen and aluminum vacancies
were similarly favorable.

Diffusion calculations were performed for stoichiometric amor-
phous alumina and zirconia and non-stoichiometric, oxygen deficient
zirconia. Diffusion was found to be faster in the non-stoichiometric,
oxygen deficient zirconia compared to the stoichiometric zirconia,
which we hypothesize was due to the introduction of additional
under-coordinated sites. The diffusion mechanism was analyzed to
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assess the influence of the local environment on ion transport
through the oxide and a correlation was observed between the local
atomic environment and ion mobility. The self-diffusion coefficients
for dominant defect species were compared to experimentally
measured surface oxide thickness, revealing a positive correlation
between diffusion and oxide thickness, with slower diffusion
coefficients associated with the formation of thinner oxides. This
result is intuitive, as diffusion influences the rate at which atoms
reach the metal/film interface, facilitating the growth of the oxide
film into the metal.
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